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Abstract: Alloying anodes have long been attracting attention as promising candidate electrodes 11 

for application in grid-level energy storage systems owing to their high energy capacity. Alloying 12 

anode-based batteries, however, remain far from practical applications, which require several 13 

issues affecting cell performance to be addressed. The large volumetric expansion of anodes and 14 

associated phenomena occurring during battery cycling are the main reasons for the poor 15 

electrochemical performance of alloying anodes. These electrochemical behaviors of alloying 16 

anodes originate from the reactions between the unreacted anode material and inflowing carrier 17 

ions. Thus, the diffusion kinetics plays a key role in determining the electrochemical properties of 18 

alloying anodes. Recent advances in analytical instruments and atomic simulations offer new 19 

approaches for interpreting anode performance. Beginning with a brief historical background, this 20 

review presents an overview of the origin of diffusion kinetics and how this concept has been 21 

extended to alloying anodes. Accordingly, the relationship between the diffusion kinetics and 22 
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electrochemical performance of alloying anodes is discussed, combined with efficient strategies 23 

that can be adopted to improve electrochemical properties. Finally, we propose a design overview 24 

of next-generation alloying anodes that can extend the batteries’ performance limit. 25 
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1. Introduction 32 

 Since the first commercialization of lithium-ion batteries (LIBs) in the early 1990s [1], LIBs, 33 

in conjunction with transition metal oxide cathodes [2, 3] and carbonaceous anodes, have been 34 

attracting considerable attention as advanced energy storage devices [4]. The current success of 35 

LIBs is primarily attributed to the insertion mechanism of Li ions that occurs between the layers 36 

of host electrodes [5, 6]. This mechanism allows electrodes to operate without significant structural 37 

changes for prolonged periods and enables LIBs to exhibit a long cycle life, high stability, and 38 

moderate energy capacity that are close to their theoretical limits (Figure 1) [3, 7-16]. However, with 39 

the rapid expansion in the capacity demands of electric vehicles and grid-scale energy storage 40 

systems, current electrodes based on the insertion mechanism are being criticized for their limited 41 

energy density.  42 

 In a continuous effort by the research community to develop high-performance 43 

rechargeable batteries, electrode materials that follow alternative mechanisms have been 44 

investigated [17]. Electrochemical processes involving conversion and alloying mechanisms exhibit 45 

much greater theoretical capacities than those of processes based on the insertion mechanism, thus 46 

enabling the realization of high-energy-density electrodes for next-generation batteries (Figure 1). 47 

The high theoretical capacity of conversion and alloying electrodes originates from their unique 48 

uptake mechanisms of carrier ions; unlike insertion electrodes, conversion and alloying electrodes 49 

accommodate carrier ions by disrupting the crystal structure of host electrodes. This allows a large 50 

number of carrier ions to be stored without the restraint of the crystal frameworks of electrodes, 51 

which is particularly true for alloying anodes; Si, for example, can accept Li ions up to 4.4 per unit 52 

formula and yield a theoretical capacity of 4200 mAhg−1 (Figure 1a). However, the alloying of Si 53 

with Li inevitably causes large volumetric changes in the Si anodes during electrochemical cycling 54 
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[18, 19], resulting in performance issues associated with the mechanical degradation of Si, such as a 55 

short cycling life and low practical capacity. 56 

 The increasing knowledge gap between the degradation process and changes in the 57 

electrochemical properties of alloying anodes has motivated various theories and experiments on 58 

the diffusion kinetics of alloying anodes [11-15, 17]. Accumulated models and experimental evidence 59 

reveal that carrier ions are diffused into alloying anodes by forming an intermediate reaction layer 60 

that separates the unreacted alloying anodes from inflowing carrier ions. This diffusion process, 61 

often referred to as two-phase reaction/diffusion, means that the overall diffusion rate is governed 62 

either by the diffusion rate of charge carriers at the propagating phase boundary (vi) or that at bulk 63 

regions (vb) of the trailing intermediate reaction layer (Figures 1b) [20]. The former mode of 64 

diffusion is termed an interface-controlled reaction (ICR), whereas the latter is called a diffusion-65 

controlled reaction (DCR) [21]. Although various electrochemical properties of alloying anodes are 66 

closely related to their diffusion kinetics, their relationship remains largely unexplained because 67 

of a lack of appropriate characterization of the atomic structures of the materials present. In the 68 

past decade, there has been significant progress in nanotechnology and atomic simulations that has 69 

enabled exploring the diffusional behaviors (e.g., orientation-dependent diffusion, diffusion rate, 70 

and penetration depth of carrier ions) in alloying anodes and their effect on anode performance. In 71 

this regard, an in-depth understanding of the diffusion kinetics of alloying anodes can offer a 72 

rational strategy for the design and architecture of advanced anode materials with enhanced 73 

properties. 74 

This progress report, mainly from the perspective of diffusion kinetics, aims to understand 75 

the origin of the electrochemical behaviors of alloying anodes and address their poor 76 

electrochemical performance (i.e., cycle life, rate performance, and practical capacity). First, we 77 
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summarize the research history of diffusion kinetics and its extension to alloying anodes. 78 

Additionally, three sections successively discuss details on the electrochemical performance of 79 

alloying anodes and their relationship with diffusion kinetics. Finally, on the basis of this 80 

relationship, we clarify two important material properties, i.e., bond strength and yield strength, 81 

for determining anode performance, which can be used as material design principles for 82 

developing future batteries with superior electrochemical performance. 83 

 84 

 85 

Figure 1. (a) Comparison of the theoretical (colored bars) and practical (◆) capacities of cathode 86 
[3, 7, 8] and anode [9-16] materials governed by different diffusion mechanisms. The practical capacities 87 
are obtained by averaging the specific capacities of Li half cells measured after 20 cycles. The 88 
error bars indicate the maximum and minimum values of the capacities reported for each electrode. 89 
(b) Schematic of a diffusion couple showing that the diffusion in alloying anodes proceeds by 90 
forming an intermediate reaction layer that allows the diffusion to occur via the two-phase reaction.  91 
 92 

2. Research history of diffusion kinetics 93 
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 2.1. Early studies on diffusion kinetics 94 

 Studies on diffusion kinetics were initially triggered by the need to control the oxidation 95 

behavior of metals. An oxide layer, when growing slowly by adhering to the metal surface, can act 96 

as a passive layer that can protect the metal from further oxidation. Conversely, loose, fast-growing 97 

oxide layers tend to degrade substrate metals, causing them to fail after prolonged use. For 98 

engineering design, therefore, an understanding of the oxidation rate is an important task in 99 

estimating the lifespan of metals, and this requirement motivated various experiments aiming to 100 

measure the oxidation rate of metals in the early 1920s. Based on accumulated experimental data, 101 

Wagner established the diffusion kinetics by relating the oxide layer thickness (L) and oxidation 102 

time (t) by the L2 µ t law (also called the parabolic rate law and later termed DCR) [22, 23]. This 103 

parabolic relation is obtained because the oxidation rate at the propagating phase boundary (or 104 

interface) is faster than that in trailing bulk oxide regions; consequently, the overall diffusion rate 105 

is governed by the reactions in the trailing bulk regions. In addition to the parabolic rate law, the 106 

linear rate law of L µ t occurs when the diffusion rate of solute atoms is faster at the trailing 107 

reaction layer than that at the propagating phase boundary or interface. This linear relation is 108 

obtained because the overall diffusion rate is limited by the reactions at the interface, which are 109 

called ICR [24, 25]. 110 

 The concepts of ICR and DCR were actively discussed for conventional alloys in the late 111 

20th century to explain the relationship between the diffusion kinetics and the reactions that limit 112 

the overall diffusion rate in conventional alloys. Experiments reported in this period [26-28] were 113 

mainly on DCR diffusion (Figure 2a) and analyzed using various numerical models for solid-state 114 

diffusion. Large-scale simulation based on finite element method (FEM) analysis is probably the 115 

most common method used to analyze the local compositions and respective stress states under a 116 
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given diffusion kinetics. Murray et al. developed a generic computational model for the solid-state 117 

diffusion of systems governed by DCR [29]. This finite element (FE) model assumes the local 118 

equilibrium state at the phase boundary and allows the prediction of the position of the moving 119 

phase boundary as a function of time; this model was later used as a basis for calculating local 120 

stresses near the propagating interface [30].  121 

 The DCR diffusion model was subsequently extended to ICR diffusion by considering the 122 

non-equilibrium condition at the phase boundary; then, it was used to evaluate various parameters 123 

affecting diffusion behaviors [31]. In the 2000s, with the development of advanced analytical 124 

instruments, the direct observation of moving phase boundaries became feasible, enabling detailed 125 

studies on the diffusion kinetics and associated changes in microstructures. In-situ experiments 126 

performed to measure the thickness of the reaction layer at the interface confirmed that the L µ t 127 

law and orientation-dependent diffusion are valid for systems governed by ICR (Figure 2b) [32, 33]. 128 

Based on these observations, Jeffrey et al. speculated that ICR can be responsible for the 129 

anisotropic diffusion, often observed in the Li-Si system [34]. 130 

 131 

 132 
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Figure 2. Representative works on the diffusion behaviors governed by (a) DCR [35] and (b) ICR 133 

[32]. The systems governed by DCR and ICR are characterized by the L2 µ t and L µ t laws, 134 

respectively. Reproduced with permission from Refs. [32, 35] Copyright © 1998 IOP publishing and 135 

© 2000 AIP publishing LLC.  136 

 137 

 2.2. Extension of theories on diffusion kinetics to alloying anodes 138 

 Although theories on diffusion kinetics were introduced for conventional alloys in the early 139 

1920s, it was not until the 2010s when researchers began to adopt these theories to explore various 140 

diffusion behaviors occurring in alloying anodes. Huang et al. developed the first open-cell micro-141 

electrochemical device that can be mounted inside an in-situ transmission electron microscopy 142 

(TEM) instrument [36] and observed the microstructural evolution of Si nanowires (NWs) during 143 

Li diffusion [19]. They observed that the Li diffusion in Si NWs proceeds by forming an amorphous 144 

LixSi layer, thereby establishing two-phase diffusion. Experiments show that the propagation 145 

length (L) of the interface is linearly related to the diffusion time (t), suggesting that the lithiation 146 

of crystalline Si is governed by ICR. This L µ t relation arises from short-range diffusion occurring 147 

at atomically sharp interfaces with a thickness of ~1 nm [18]. This suggests that the Li diffusion at 148 

the interface is too slow to transport Li ions to regions away from the interface, causing the entire 149 

diffusion to be governed by ICR. Furthermore, the short-range diffusion occurring at the interface 150 

causes the Li diffusion rate to differ depending on the orientation of the crystalline Si, rendering 151 

the volume change of the lithiated Si NWs highly anisotropic [37].  152 

 Because lithiation behaviors are directly influenced by the nature of the Si/LixSi interface, 153 

model studies were performed to evaluate the physics underlying the lithiation of Si. In early model 154 

studies on the Li/Si diffusion couple, researchers commonly assumed the lithiation rate of Si to be 155 
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limited by the diffusion rate at the trailing LixSi region (i.e., DCR), while ignoring the orientation-156 

dependent diffusion of the advancing interface [38, 39] and thus failed to reproduce the sharp Si/LixSi 157 

interface and abrupt changes in the Li composition observed in experiments. To predict the abrupt 158 

changes in the composition and the associated development of residual stresses at the Si/LixSi 159 

interface, new models were created by assuming the lithiation rate of Si NWs to be limited by ICR 160 

diffusion. Models based on ICR diffusion could not only explain the crack formation behaviors of 161 

Si particles during lithiation [40] but also reproduce anisotropic morphologies of lithiated Si NWs 162 

[37]. Another important finding observed from Li/Si systems is that ICR diffusion is influenced by 163 

various material characteristics, such as the molar volume of Si, Li diffusivity in LixSi, radius of 164 

Si particles, and rate constants for the reaction toward Si [20]. These results obtained from Li/Si 165 

systems explain why Si anodes exhibit abrupt changes in the Li composition profiles [37, 40], high 166 

residual stresses [20], anisotropic swelling [37], and associated crack formation [40], which are closely 167 

related to such anodes’ electrochemical performance. 168 

 Studies on alloying anodes governed by DCR diffusion began only in the late 2010s. 169 

Ironically, the first reported case of DCR diffusion is also the lithiation of crystalline Si. Seo at al. 170 

performed direct-contact lithiation experiments using Si NWs with a diameter of ~80 nm [41]. They 171 

observed that the propagation length (L) of the reaction front changes with time (t) according to 172 

the L2 µ t relation, indicating that the lithiation of the 80-nm-thick Si NWs follows DCR. On the 173 

other hand, the lithiation of Si NWs with diameters greater than 100 nm follows ICR [19, 42]. The 174 

contradictory results obtained from the above experiments indicate that the diameter/size of anode 175 

materials is another parameter affecting the diffusion kinetics of alloying anodes. Notably, the 176 

transition in diffusion kinetics from ICR to DCR significantly improves the Li diffusion rate in Si 177 

NWs; the propagation speed of the lithiation front measured from the 80-nm-diameter Si NWs was 178 
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1082 nm s−1 [41], which is nearly three orders of magnitude greater than that measured for 140-nm-179 

diameter Si NWs (1.7 nm s−1) [43]. In addition to Li/Si systems, DCR diffusion was observed to 180 

occur in Na/Sn [44], Li/Ge [45], and Na/Ge [46] systems. Contrary to systems governed by ICR, 181 

systems following DCR diffusion commonly display 1) comparatively fast diffusion rates, 2) 182 

isotropic swelling or expansion, and 3) deep penetration depths of carrier ions. All these behaviors 183 

are desirable for improving the electrochemical properties of alloying anodes, as typically revealed 184 

by charge rate, cycle life, and energy capacity. Therefore, diffusion kinetics and its effects on 185 

anode performance should be understood to extend/break the performance limit of conventional 186 

alloying anodes. This point is elaborated in the following section by relating diffusion kinetics 187 

with the abovementioned diffusion behaviors. 188 

 189 

 190 

Figure 3. Schematic of the research history of diffusion kinetics, showing the establishment of the 191 

theories on diffusion kinetics and its recent application to alloying anodes [34, 42, 47]. 192 

  193 
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3. Relationship between diffusion kinetics and anode performance 194 

 Lack of capacity retention, slow charging rate, and short cycling life, which are directly 195 

related to the diffusion mechanisms operating in alloying anodes, are the major challenges that 196 

limit the commercialization of such anodes. Considerable effort has been exerted to address these 197 

issues in both LIBs [48] and Na-ion batteries (NIBs) [49]. Of the various morphologies of anode 198 

materials, samples in the form of NWs are the most common shapes for analyzing the related 199 

diffusion kinetics because of two reasons. (1) One-dimensional NWs allow the direct tracking of 200 

the moving interface and associated analyses of the L vs. t relation. (2) Compared with film- or 201 

particle-type anodes, NW-shaped anodes accumulate comparatively low residual stresses during 202 

battery cycling. Anode samples with low residual stresses are particularly important for studying 203 

the diffusion kinetics intrinsic to anode materials because residual stresses can change the shape 204 

of the L vs. t curve and cause a system to seem governed by different diffusion kinetics. For 205 

example, in a Si particle, the shape of the L vs. t curve associated with lithiation is greatly affected 206 

by residual stresses whose magnitude is inversely proportional to the particle diameter; in principle, 207 

the lithiation of Si is governed by ICR and should exhibit the L µ t relation during lithiation 208 

(Section 2.2). However, the lithiation of Si particles appears to follow the parabolic rate law (L2 µ 209 

t) because of the residual stresses accumulated at the Si/LixSi interface in particle-shaped Si anodes 210 

[50]. Therefore, cylindrical anode materials should be used to minimize the residual stresses 211 

developed at the interface and eliminate the associated artifacts. For this reason, this review is 212 

mainly conducted from the perspective of NW-shaped alloying anodes and summarizes how their 213 

diffusion behaviors and corresponding diffusion kinetics are related to such anodes’ 214 

electrochemical properties, such as cycle life, rate performance, and specific capacity. 215 

 216 
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3.1. Diffusional anisotropy and cycle life of anodes  217 

 The structure of anodes suffers from continual degradation during battery cycling, which 218 

reduces the cycle life of the anodes. Of the various factors affecting the structural degradation of 219 

anodes, orientation-dependent volume expansion is the most detrimental. For alloying anodes, 220 

especially those following ICR diffusion, the difference in volume expansion can differ by up to 221 

~400%, depending on the crystallographic orientation. This variation causes the alloying anodes 222 

to swell anisotropically. Large anisotropic swelling induces inhomogeneous stresses in alloying 223 

anodes, which in turn cause mechanical degradation, as revealed by crack formation and anode 224 

pulverization [19, 51]. Because the anisotropic swelling behavior of anodes is closely related to the 225 

diffusion kinetics of anode materials, we compare the degree of anisotropic swelling of anodes 226 

governed by different diffusion kinetics and assess the relationship between the diffusion kinetics 227 

and cyclability of alloying anodes. 228 

 229 

 Systems governed by ICR: Until the early 2000s, anisotropic solid-state diffusion was 230 

known to occur only for materials with a non-cubic crystal symmetry. This is because, for systems 231 

defined in continuum theory, the properties of crystals with a cubic symmetry are characterized by 232 

a zero-rank tensor (i.e., scalar value) and thus are isotropic [52]. However, the model based on 233 

continuum theory was found to no longer hold for the diffusion behaviors of alloying anodes. The 234 

best example that violates the conventional rule is the anisotropic swelling of crystalline Si with a 235 

diamond cubic symmetry [19, 37]; observations of lithiated Si NWs revealed anomalous volume 236 

changes wherein the shape of fully lithiated Si NWs differs depending on the crystallographic 237 

orientations of the NWs (Figure 4a) [19, 37]. Subsequent TEM analyses were performed on a Si/LixSi 238 

interface to understand the physics underlying these observed anisotropic swelling behaviors 239 
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(Figure 4b). Observations of lithiated Si NWs revealed that the Si/LixSi interface is atomically 240 

sharp and thin [18] and propagates toward unreacted Si by defoliating close-packed Si (111) planes 241 

[42]. This defoliation, which is associated with the orientation-dependent, short-range diffusion near 242 

the interface, causes the propagation speed of the interface to differ according to the 243 

crystallographic orientation, resulting in anisotropic swelling. 244 

 The above discovery on the ICR diffusion of Li/Si systems facilitated computational studies 245 

on the reactions occurring at the Si/LixSi interface. On the basis of this observed defoliation 246 

phenomenon, Liu et al. established an elasto-plastic deformation model and showed that the 247 

anisotropic lithiation of Si NWs is attributed to the orientation of Si NWs at the Si/LixSi interface 248 

[42]. Furthermore, the measurements of the propagation speed of the interface enable predicting the 249 

morphological changes of Si NWs during lithiation. Using measured lithiation rates, an FEM study 250 

calculated the Li diffusivity at the Si/LixSi interface, followed by a simulation of anisotropic 251 

swelling and crack formation (Figure 4c) [53]. To further understand the reactions occurring at the 252 

interface, atomic simulations based on molecular dynamics (MD) were performed to elucidate the 253 

changes in atomic structures and stress states at the Si/LixSi interface during lithiation. This 254 

approach allowed the validation of the previously reported defoliation behaviors of Si (111) planes 255 

while assessing residual stresses and their effect on the anisotropic diffusion behavior (Figure 4d) 256 

[54, 55]. Recent works on the diffusion energy barrier at the Si/LixSi interface show that anisotropic 257 

diffusion may arise from the orientation-dependent thermodynamic stability of the Si/LixSi 258 

interface rather than from diffusion barriers for Li diffusion across the interface [56, 57]. Despite this 259 

unsettled debate, subsequent density functional theory (DFT) calculations further elaborated the 260 

computational results by revealing the preferential pathways for Li diffusion and associated 261 

diffusion barriers; Li ions tend to migrate along a direction parallel to the Li concentration gradient 262 
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by taking regions or spaces with low valence electrons [58-60]. According to this simulation study, 263 

the tortuosity of diffusion pathways is the structural origin of the anisotropic Li diffusion behavior 264 

[61].  265 

 Analyses of the anisotropic swelling behavior of Si NWs triggered extensive studies on the 266 

anisotropic diffusion of other alloying anodes. In-situ TEM observations on the lithiation behaviors 267 

of black phosphorus (P) show that the transformation from orthorhombic P to amorphous LixP is 268 

accompanied by a large anisotropic volume expansion and associated crack formation (Figure 4e) 269 

[62]. Similar results are observed when Li is substituted with Na; during sodiation, crystalline P 270 

expands preferentially along the [010] direction (Figure 4f) [63, 64]. In addition to crystalline P, Sb 271 

also expands anisotropically upon sodiation [51]. All these systems follow the L µ t relation during 272 

lithiation/sodiation. Thus, ICR diffusion is characterized by short-range diffusion and strongly 273 

correlated with diffusional anisotropy. 274 

 275 
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 276 

Figure 4. (a) SEM images of Si NWs subjected to lithiation, showing different morphological 277 

changes depending on the initial crystallographic orientation of the Si NWs [37]. (b) High-resolution 278 

TEM images of the atomically sharp interface between crystalline Si and lithiated LixSi [18, 42], 279 

showing the defoliation of close-packed Si (111) planes. (c) FEM simulation results on the 280 

distribution of Li contents and residual stresses in the lithiated Si NWs [19]. (d) MD simulations 281 

showing the morphological evolution of Si NWs associated with the lithiation [54]. (e) SEM images 282 

of black P undergoing anisotropic swelling during lithiation [62]. (f) SEM images and FE analysis 283 

on a partially sodiated P particle, showing the distribution of the Na contents and associated 284 

residual stresses [64].  285 

 286 

 Systems governed by DCR: For systems governed by DCR diffusion, the overall diffusion 287 
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rate is limited by the diffusion of carrier ions in the trailing bulk region rather than by the diffusion 288 

at the interface. Consequently, the overall diffusion rate and associated swelling behaviors no 289 

longer depend on the crystallographic orientation of the anode material at the interface. Therefore, 290 

contrary to alloying anodes governed by ICR, those governed by DCR display an isotropic volume 291 

expansion during battery cycling. For example, the sodiation of 500-nm-diameter Sn NWs expands 292 

at equal rates along the radial direction regardless of the crystallographic orientations, resulting in 293 

isotropic swelling (Figure 5a) [65]. Measurements of the propagating speed of the interface reveal 294 

that the interface advances by following the L2 µ t relation, which confirms that the diffusion of 295 

Na into crystalline Sn is governed by DCR. The sodiation and lithiation behaviors of Ge NWs also 296 

follow the L2 µ t law [45, 46], thus causing Ge NWs to expand in a nearly isotropic manner. These 297 

results obtained from Ge NWs suggest that DCR diffusion is valid for such systems. 298 

 Notably, the crystal structures of anode materials following DCR diffusion have little in 299 

common: Sn (body-centered tetragonal) and Ge (diamond cubic). This suggests that the diffusion 300 

behaviors of anode materials following DCR are less likely to be affected by their crystal structure 301 

and orientation. Therefore, structural changes other than orientation effects are responsible for 302 

DCR diffusion. In early studies on the isotropic swelling of lithiated Ge NWs, this behavior was 303 

initially interpreted by relating the lithiation rate to the etching rate during wet-etching experiments 304 

[45]. Experiments showed that, compared with the etching rate of Si, that of Ge was approximately 305 

isotropic [66, 67]. This indirectly indicated that the mobility of the lithiated Ge region is less sensitive 306 

to the orientation of the crystalline Ge. Although this explanation provided insights for 307 

understanding the isotropic diffusion behavior associated with DCR, it lacked a theoretical basis 308 

to support the DCR diffusion occurring during the two-phase reaction. 309 

 To further elucidate the structural origin of DCR diffusion, DFT calculations were performed 310 
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on a Na/Sn diffusion couple while observing the structural evolution of crystalline Sn adjacent to 311 

the interface formed during sodiation. Calculations showed that, as Na ions begin to inflow into 312 

the crystalline Sn, the crystal structure of the Sn near the interface becomes prone to disruption, 313 

forming a thin layer of an amorphous phase (Figure 5c) [44, 65, 68]. The structure of thus-formed 314 

amorphous layer near the interface is similar regardless of the initial orientation of crystalline Sn; 315 

this weakens or nullifies the directionality of Na diffusion and promotes isotropic diffusion. These 316 

results indicate that isotropic diffusion can readily occur for alloying anodes with lower 317 

interatomic bond energies. Therefore, such materials would require less energy to disrupt their 318 

initial crystalline structures and thus facilitate amorphization behaviors. As explained in detail in 319 

Section 3.2, the amorphization at the interface is an important structural origin that not only causes 320 

isotropic diffusion but also accelerates the diffusion of carrier ions. This renders the overall 321 

diffusion rate to be controlled by the trailing bulk region, i.e., DCR diffusion. 322 

 In addition to low bond energies, the diameter of NWs can promote the formation of 323 

amorphous phases in front of the advancing interface and the associated isotropic diffusion. For 324 

instance, a previous study on the oxidation behavior of Si NWs reported that the pristine Si core 325 

does not act as a rigid mechanical constraint during oxidation when the diameter of Si NWs is 326 

smaller than 5 nm [69]. As a result, for small Si NWs, the crystalline structures of the Si core can 327 

be readily disrupted to reduce residual stresses during oxidation (Figure 5d). This behavior of 328 

amorphization weakens the orientation-dependent diffusion in Si NWs, thus enabling the oxidation 329 

to proceed in an isotropic manner. Amorphization behaviors similar to Si are observed from 330 

various metal NWs, whereas their threshold diameter for promoting the amorphization behavior 331 

differs depending on the materials [70]: 300 nm for Si [37, 71], 1200 nm for Ge [72], and ~60 nm for 332 

CuO [73]. 333 
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 The above experimental and simulation results suggest that, in principle, DCR diffusion and 334 

the associated isotropic swelling are feasible for group IVA and VA elements with small diameters 335 

and interatomic bond energies. Considering that isotropic swelling can prevent the accumulation 336 

of high residual stresses and crack formation [70], the cyclability of alloying anodes could be 337 

improved by decreasing their size to below the threshold diameter. However, the synthesis of 338 

nanoscale anode materials is challenging and costly because of their susceptibility to external 339 

contaminants, such as oxygen and moisture [74]. Therefore, given the cost and complexity of anode 340 

fabrication, alloying anodes with large threshold diameters are desirable for producing long-lasting 341 

alloying anodes.  342 

 343 

 344 

Figure 5. SEM images of the (a) sodiated Sn [65] and (b) lithiated Ge NWs [72], showing that these 345 

materials expand isotropically regardless of their crystallographic orientation during 346 

sodiation/lithiation. (c) DFT calculations performed on the Na/Sn diffusion couple, displaying that 347 

sodiation of Sn proceeds by the formation of a thin amorphous Sn layer in front of the advancing 348 

interface [44]. (d) Distribution of residual stresses of partially oxidized Si NWs, showing the release 349 

of residual stresses in Si NWs with diameters smaller than 5 nm [69]. 350 
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 351 

3.2. Diffusion rate of carrier ions and rate performance 352 

 Compared with insertion electrodes, alloying anodes display slow diffusion rates of carrier 353 

ions; thus, batteries exhibit poor rate performance. Reduced diffusion rates within alloying anodes 354 

arise from the characteristic diffusion mechanism of carrier ions operative in these anode materials. 355 

The width of diffusion channels, where carrier ions can diffuse, is not large in alloying anodes, 356 

unlike that in insertion electrodes. Hence, the carrier ions within alloying anodes diffuse by 357 

breaking the atomic bonds of the host anode material, leading to the disruption of the crystal 358 

structures. This process requires additional energy and thus significantly lowers the diffusion rate 359 

of carrier ions. Therefore, the disruption process of the crystal structure of anode materials needs 360 

to be analyzed to understand the diffusion rate and associated rate performance of alloying anodes. 361 

In this section, the structural changes occurring in alloying anodes are compared for systems 362 

following ICR and DCR diffusion, and the relationship between the diffusion mechanism and 363 

diffusion rate of carrier ions is discussed. 364 

  365 

 Systems governed by ICR: Previous studies on diffusion in alloying anodes found that 366 

systems such as Li/P [62], Na/Sb [44], and Li/Si [19] are controlled by ICR (Figure 6a). For these 367 

systems, the diffusion rate is governed by the diffusion of carrier ions at the propagating interface, 368 

resulting in low diffusion rates of carrier ions. In general, this characteristic diffusion is related to 369 

the two structural features of the propagating interface, i.e., 1) the atomically sharp/narrow 370 

interface [75, 76] and 2) the curvature of the interface [40, 50, 75]. 371 

 The presence of an atomically sharp interface in ICR-governed systems implies that the 372 

composition of carrier ions changes rapidly across the interface. This change in the composition 373 
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induces a large misfit strain and develops high compressive residual stresses to the unreacted anode 374 

material near the interface [18]. Compressive residual stresses (𝜎) in turn increase the activation 375 

energy (or diffusion barrier) for diffusion by a certain amount (σ∆𝑉), which reduces the diffusivity 376 

and hinders the additional inflow of carrier ions into the anode. This is often revealed in 377 

experiments as a phenomenon called the “self-limiting diffusion” behavior [77-79] and is explained 378 

in detail in Section 3.3. One way to mitigate the formation of a sharp interface is to utilize anodes 379 

with amorphous phases. For example, compared with crystalline Si with a sharp interface, an 380 

amorphous structure with a broad interface can transport Li ions into the Si anode at faster rates. 381 

This is because amorphous Si is characterized by loosely packed atomic structures (of Voronoi 382 

polyhedral [80]) and thus can readily transport Li ions through an amorphic interface (Figure 6b). 383 

 Another important parameter that limits the diffusion rates of alloying anodes is the curvature 384 

of the propagating interface. Compared with a flat/straight interface, a curved interface develops 385 

additional compressive stresses in the direction tangent to the interface during the diffusion of 386 

carrier ions. The increment in stress is linearly related to the curvature (or inversely proportional 387 

to the radius) of the interface, thereby reducing the diffusion rates of carrier ions at the interface. 388 

A subsequent model study quantified this decrease in the diffusion rate by relating the residual 389 

stress at the interface with the increase in Gibbs free energy [40]. This model was later used to 390 

analyze the residual stresses generated within Si particles during lithiation and the corresponding 391 

changes in the lithiation rate (Figure 6c) [50], and the results were subsequently validated through 392 

experiments [81]. 393 

 394 



 21 

 395 

Figure 6. (a) The L vs. t graphs constructed for various alloying anodes following ICR [19, 44, 62, 76]. 396 

(b) TEM images and MD simulation results, showing different interfacial structures observed from 397 

crystalline and amorphous Si subjected to lithiation [76]. (c) Changes in the residual stress and the 398 

corresponding changes in Gibbs free energy calculated as a function of lithiated layer thickness in 399 

the Si particle [50]. 400 

 401 

 Systems governed by DCR: With the progress of researches on alloying anodes, alloying 402 

anodes that cannot be explained by the ICR diffusion mechanism were discovered for the Na-Sn 403 

[82] and Li-Ge [45] systems. These systems commonly follow the L2 µ t law in solid-state diffusion 404 

(Figure 7a), whereas the propagation rates of the interface were faster by 2–3 orders of magnitude 405 

than those of alloying anodes following ICR diffusion (Figures 6a and 7a). The L2 µ t relationship 406 

and fast diffusion rates of carrier ions suggest that the diffusion of carrier ions in these systems is 407 

not restricted by the propagating interface, a characteristic of the DCR diffusion mechanism. 408 

Huang et al. [36] performed direct-contact in-situ lithiation experiments on SnO2 NWs and 409 

observed that DCR diffusion arises from the formation of an amorphous phase and dislocation 410 

cloud near the propagating interface during Li diffusion (Figure 7b). Such structural changes, 411 
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especially dislocation generation, are induced because of the initial preference of Li diffusion 412 

along the [001] direction of SnO2, which causes a ~10% lattice expansion in the (100) planes [83]. 413 

These dislocations and amorphous phases act as fast diffusion pathways of Li ions [84] and thus can 414 

carry Li ions to regions away from the interface, thereby enabling long-range diffusion, which is 415 

a characteristic of DCR. The formation of dislocation clouds and the long-range diffusion behavior 416 

of carrier ions are also observed from other oxide anode materials, such as ZnO [85] and RuO2 [86]. 417 

 Theories explaining ICR diffusion can be extended to explain the diffusion behaviors of 418 

alloying anodes following DCR diffusion. For a Na/Sn system, the propagation length (L) of the 419 

interface measured from Sn NWs follows the L2 µ t law, suggesting that the sodiation of Sn is 420 

governed by DCR (Figure 7a). Compared with systems following ICR, systems following DCR 421 

commonly exhibit a high diffusivity of carrier ions and thus improved rate performance. The 422 

enhanced diffusivity measured from DCR-governed anode materials arises from two different 423 

structural features: the formation of a thin amorphous layer and dislocations in front of the 424 

interface. Byeon et al. performed ab initio MD simulations on a Na/Sn system to quantitatively 425 

explain how the amorphization can promote the diffusivity of carrier ions in the system following 426 

DCR [65, 68]. Calculations showed that the amorphization increases the interatomic bond distance 427 

of the adjacent Sn−Sn pairs near the interface (Figure 7c). Therefore, the amorphization at the 428 

interface causes the phase to reveal atomically open spaces. These spaces provide a preferential 429 

passage for Na diffusion and thus facilitate the fast transport of Na ions at the interfacial region. 430 

When viewed at the macroscopic scale, the amorphization at the interface alleviates the rate-431 

limiting behavior of the propagating interface and causes the overall kinetics of the system to 432 

follow DCR diffusion. Additional advanced analyses performed at the propagating interface reveal 433 

that dislocations formed within crystalline Sn act as preferential pathways for Na diffusion (Figure 434 
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7c) [65]. 435 

 Both the amorphization and dislocation generation mitigate the residual stresses developed 436 

on the interface. Consequently, anodes following DCR diffusion exhibit an ultrafast charging rate 437 

and alleviated self-limiting diffusion. Furthermore, dislocations generated near the propagating 438 

interface can act as a preferential pathway for diffusion because the activation energy for diffusion 439 

is lowered upon diffusion through dislocation cores. This accelerates the diffusion of carrier ions 440 

and facilitates the long-range diffusion of carrier ions at accelerated rates, which is typically known 441 

as “dislocation-pipe diffusion” [84, 87-89]. The transport rate of atoms during pipe diffusion is many 442 

orders of magnitude faster than that during bulk diffusion in a crystal [84, 90]. Therefore, in addition 443 

to the formation of a thin amorphous layer in front of the interface, dislocation-pipe diffusion in 444 

alloying anodes is an important mechanistic origin supporting the high rate performance of anode 445 

materials following DCR diffusion. 446 

 447 
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 448 

Figure 7. (a) L vs. t graphs constructed for various alloying anodes following DCR [19, 36, 46, 73, 82]. 449 

(b) Formation of dislocations in front of the propagating interface captured during lithiation of 450 

SnO2 NWs, explaining the long-range diffusion of Li ions [36]. (c) DFT calculations showing the 451 

amorphization behavior of crystalline Sn near the interface [65]. (d) TEM images showing the 452 

formation of dislocations in crystalline Sn at regions away from the interface during sodiation [65]. 453 

  454 
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3.3. Carrier ion penetration depth and specific capacity 455 

 Despite its large theoretical capacity, the alloying anode can only utilize limited capacity 456 

during battery cycling (Figure 1). This low practical capacity is mainly attributed to the short 457 

penetration depth of carrier ions into the anode material because the diffusion of carrier ions is 458 

often arrested or self-limited inside the anode material, which hinders its full utilization. This 459 

behavior, referred to as self-limiting diffusion (SLD), reveals itself as the limited practical capacity 460 

of alloying anodes [77, 91]. Numerous efforts to understand the SLD behavior showed that it stems 461 

from a large volumetric expansion and the development of residual stresses associated with the 462 

diffusion of carrier ions [91, 92]. Therefore, the development of anodes with large energy capacity 463 

relies on the ability to control the residual stresses developed in the alloying anodes. 464 

 Previous research on the diffusion behavior of alloying anodes reported that the residual 465 

stresses developed in the anodes are closely related to the diffusion kinetics of carrier ions 466 

(Sections 3.1 and 3.2). In this regard, diffusion kinetics can be a key concept for interpreting the 467 

SLD behavior encountered in alloying anodes. In this section, we compare the SLD behavior of 468 

alloying anodes governed by ICR and DCR diffusion kinetics and assess the relationship between 469 

the diffusion kinetics and the practical capacity of alloying anodes. 470 

 471 

 Systems governed by ICR: Si, the most well-known alloying anode following ICR, is 472 

known to exhibit SLD behavior with various solute atoms, including O [69], Li [77], and B [93]. For 473 

the battery systems, SLD behavior occurring in the Li/Si couple began to gain attention in TEM 474 

studies performed on the lithiation of Si NWs [94]. Experiments showed that lithiated Si NWs form 475 

a core-shell structure consisting of unreacted Si at the interior and amorphous LixSi at the outer 476 

layer. In the early 2010s, extensive TEM research was conducted to observe the SLD behavior of 477 
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Si NWs and Si NPs during lithiation. Liu et al. [77] observed the lithiation behavior of Si by directly 478 

attaching an Li2O/Li electrode to a 129-nm-diameter Si NW and traced the movement of the 479 

reaction front (Figure 8a). The reaction front initially moved rapidly toward the interior of the Si 480 

NW, after which it gradually slowed down, before stopping completely after 1.5 hours of lithiation. 481 

This caused the lithiation of the Si NW to be arrested after penetrating only 55% of the entire 482 

volume of the Si NW. Model studies showed that the observed SLD phenomenon arises from the 483 

development of large compressive residual stresses at the sharp interface. Si NPs also suffer from 484 

the SLD behavior similar to that observed in Si NWs [50]; in-situ TEM studies showed that for all 485 

Si NPs with diameters of 90–200 nm, lithiation is impeded when the lithiated volume of Si NPs 486 

reaches approximately 50% (Figure 8b).  487 

 The SLD behavior of Si crystals can be explained by the increase in the Gibbs free energy 488 

(∆𝐺) estimated for the consumption of one Li ion to form 1/x units of LixSi: 489 

 ∆𝐺 = ∆𝐺! − 𝑒𝜙 +
"
#
[𝜎,$%𝑉$% − 𝜎,&%!$%𝑉&%!$%],   (1) 490 

where ∆𝐺! is the free energy change in the absence of mechanical stress (𝜎) and applied voltage 491 

(𝜙). The second term (−𝑒𝜙) is the free energy decrease in the presence of the voltage applied to 492 

the electrochemical cell, whereas the third term in brackets is the increase in the free energy owing 493 

to the presence of mechanical stress in the structure, where 𝜎,$% and 𝜎,&%!$% are the mean stress in 494 

the Si core at the interface and in the lithiated silicon, respectively, whereas 𝑉$%  and 𝑉&%!$% 495 

correspond to the volume of Si and LixSi, respectively. From an analysis of Eq. (1), the 496 

compressive stresses increase with increasing thickness of the lithiated layer, which suppresses 497 

further transportation of Li into Si NPs, and causes the SLD behavior. The SLD behavior was also 498 

observed in micrometer-scale Si structures [92] and other alloying anodes governed by ICR [44].  499 

As discussed in the earlier Sections 3.1 and 3.2 and in detail in the following, high compressive 500 
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residual stresses are observed to develop in regions near the interface of the systems following 501 

ICR diffusion, suggesting that the SLD behavior can be attributed to this type of diffusion. 502 

 Although the above theories assisted in understanding of the relationship between the SLD 503 

behavior and ICR diffusion, these models cannot fully reproduce the SLD behavior of certain 504 

systems. For instance, the theories claimed that the SLD behavior of the Li/Si system occurs 505 

regardless of the initial size of Si NWs or NPs [50]. However, experimental studies on the lithiation 506 

of Si reported that, contrary to the model predictions, the penetration depth of carrier ions differs 507 

depending on the initial diameter of Si NPs. The full penetration of Li ions was observed for Si 508 

NPs with diameters smaller than 80 nm (Figure 8c) [71], whereas only partial lithiation for 140-nm-509 

diameter Si NWs [43]. Subsequent studies interpreted this size-dependent SLD to arise, because the 510 

amount of stress-induced energy (𝜎𝑉) accumulated near the interface was relatively small for Si 511 

NWs with small diameters [71]. In addition to the above examples, the full lithiation of Si was also 512 

observed in Si NPs with an amorphous structure (Figure 8d). The amorphous Si phase can readily 513 

relieve the compressive residual stresses developed at the interface via structural relaxation, which 514 

allows the lithiation to proceeds toward the Si core. The above examples demonstrating the full 515 

lithiation of Si indicate that the numerical models based on the continuum theory alone are 516 

insufficient to fully interpret the SLD behaviors. This is because, when viewed at the atomic scale, 517 

the SLD behavior is closely related to the structural changes, such as amorphization [44, 65] and 518 

dislocation generation [36, 65], which can partially relieve residual stresses. This will be explained 519 

in detail in the following by relating the structural changes to the DCR diffusion. 520 

 521 
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 522 

Figure 8. Self-limiting lithiation behavior observed in: (a) 129-nm-diameter Si NW [77] and (b) 523 

90-nm-diameter Si NPs [50]. TEM images showing the full lithiation of Si NPs captured during 524 

lithiation of: (c) crystalline Si NPs [71], and (d) amorphous Si NPs [75]. 525 

 526 

 Systems governed by DCR: Of various anodes following DCR, Ge is the first material for 527 

which the penetration behavior of carrier ions was observed. Lithiation experiments performed on 528 

Ge showed that, while having the same crystal structure as Si, the SLD behavior is significantly 529 

mitigated for Ge. When a 165-nm-diameter Ge NW was in contact with Li, Li ions penetrated into 530 

the core of the Ge NW, transforming Ge into Li15Ge4 (Figure 9a) [95]. In another experiment, the 531 
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full lithiation in Ge NPs with various diameters of 160–620 nm was observed (Figure 9b) [96]. The 532 

lithiation behavior of Ge crystals largely differ from those observed in Si crystals that display SLD 533 

even for 130-nm-diameter Si NWs (Figure 8a). This suggests that the threshold diameter for SLD 534 

is larger for Ge than for Si, indicating that the anode materials following DCR diffusion can fully 535 

utilize their theoretical capacity even for a relatively large size. Furthermore, close examination of 536 

lithiated Ge revealed additional features, e.g., compared to the sharp and straight interface and 537 

anisotropic expansion observed in the Li/Si system, the Li/Ge system displays an obscure and 538 

tortuous interface and expands isotropically. This indicates that the atomic scale interactions 539 

occurring at the Ge/LixGe interface differ from those at the Si/LixSi interface. 540 

 To better understand the physics behind the SLD behavior, Park et al. [44] performed a 541 

comparative study on the Na/Sb and Na/Sn systems governed by ICR and DCR, respectively. They 542 

observed the structural evolution near the interface of the two systems and established a 543 

relationship between the diffusion kinetics and SLD behavior. Compared to the Na/Sb system 544 

(ICR), the Na/Sn system (DCR) exhibits a much deeper penetration of Na into Sn, while forming 545 

a tortuous and obscure Sn/NaxSn interface (Figure 9c). Subsequent DFT calculations showed that 546 

in the Na/Sb system, Na ions diffuse toward crystalline Sb, while the initial crystal structure of Sb 547 

is retained. This not only requires high energy for diffusion, but also leads to the development of 548 

residual stresses near the interface, which arrests Na diffusion into Sb. Conversely, Na diffusion 549 

in the Na/Sn system proceeds by forming a thin amorphous layer in front of the advancing interface 550 

[65]. The amorphization alleviates the residual stress development near the interface, which, in turn, 551 

permits the additional penetration of Na ions into the Sn interior. 552 

 Another important structural evolution affecting the SLD behavior is the generation of 553 

dislocations preceding an advancing interface. TEM observations near the interface of the Na/Sn 554 
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system showed that residual stresses developed in regions near the propagating interface can 555 

generate dislocations near the interface [65]. Thus-formed dislocations in a Sn crystal not only 556 

relieve the stress-induced energy, but also promote the transport of Na ions through dislocation 557 

cores, by attracting Na ions into their open spaces. Continual supply of Na atoms via this 558 

dislocation-pipe diffusion causes Na-rich particles to grow, which results in a localized plastic 559 

yielding of the adjacent crystalline Sn grains by generating a dislocation burst. The repetition of 560 

the pipe diffusion and generation of additional dislocations increase significantly the penetration 561 

depth of Na ions, which mitigates the SLD behavior and improves the practical capacity of Sn 562 

anodes. 563 

 The relationship between the SLD behavior and diffusion kinetics can further be explained 564 

by relating the various experimental observations to the measured residual stresses near the 565 

interfaces [97]. For the Li/Si system governed by ICR diffusion, lithiated Si develops a large misfit 566 

strains and the associated compressive residual stresses near the Si/LixSi interface (Figure 9d). The 567 

compressive stresses increase the stress-induced energy term (𝜎𝑉 ) in Eq. (1), which in turn 568 

increases the overall driving force of Li diffusion and causes the SLD behavior. Conversely, for 569 

systems governed by DCR, the diffusion of carrier ions is often accompanied by the disruption of 570 

crystalline structures and generation of dislocations, which can reduce the stress-induced energy 571 

term and thus increase the driving force of diffusion. This was confirmed by stress measurements 572 

at the atomic scale performed on a partially sodiated Sn anode, where the residual stresses develop 573 

near the Sn/NaxSn interface were much smaller than those measured at the Si/LixSi interface 574 

(Figure 9e). Such low residual stresses cause Na ions to diffuse much deeper into Sn anode at fast 575 

rates, which allows Sn anodes to fully utilize their theoretical capacity. 576 

 577 
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 578 

Figure 9. TEM images captured during in-situ lithiation experiments performed on: (a) a 165-nm-579 

diameter Ge NW [95], and (b) 160- and 620-nm-diameter Ge NPs [96]. (c) Back-scattered electron 580 

image and energy-dispersive X-ray spectroscopy line profiles recorded from longitudinal cross-581 

section near propagating phase boundary of sodiated Sn pillar [44]. (d) High-resolution TEM images 582 

of interfacial structure recorded at Si/LixSi and Sn/NaxSn interfaces in Li/Si and Na/Sn systems, 583 

respectively [97]. (e) Comparison of interfacial microstructures and corresponding residual stress 584 

distributions near interface of Li/Si and Na/Sn systems [97]. 585 

 586 

4. Summary and Outlook 587 

 In this brief progress report, we summarize the research history of diffusion kinetics and how 588 

this concept can be used to interpret the origin of the electrochemical performances of alloying 589 

anodes. The previous theories on diffusion kinetics developed generic criteria of DCR and ICR 590 
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diffusion, which is revealed in experiments by the parabolic (L2 µ t) and linear (L µ t) rate laws, 591 

respectively. Experimental and theoretical studies that aimed to develop high-performance 592 

alloying anodes highlighted the importance of diffusion kinetics on the cycle life, rate performance, 593 

and practical capacity of anodes. Overall, alloying anodes (e.g., Si, Sb, and P) following ICR 594 

commonly show diffusion behaviors, such as anisotropic volume changes, slow diffusion rate, and 595 

self-limiting diffusion, which can deteriorate the anode performance during battery cycling. The 596 

mechanistic origin of the diffusion kinetics governed by ICR is ascribed to the diffusion of carrier 597 

ions by forming a sharp two-phase boundary and abrupt compositional changes across the interface, 598 

which develops large residual compressive stresses and impedes further diffusion of carrier ions. 599 

 Contrary to ICR-governed alloying anodes, those following DCR commonly show isotropic 600 

volume changes, a comparatively fast diffusion rate, and reduced self-limiting diffusion, which 601 

can improve the anode performance during battery cycling. The criteria to select DCR-governed 602 

alloying anodes are based on the interatomic bond strength and yield strength of alloying-anode 603 

materials, which can be used as the indicators to assess the ease of diffusion at the interface. When 604 

carrier ions diffuse into a low-yielding anode material with a weak interatomic bond strength, 605 

carrier-ion diffusion often proceeds by the formation of an amorphous layer and dislocations at the 606 

unreacted anode material close to the advancing interface [51]. These structural changes can readily 607 

relieve residual stresses at the propagating interface and thus facilitate the rapid inflow of carrier 608 

ions into the unreacted anode following DCR diffusion. The diffusion behaviors displayed by 609 

DCR-governed anodes can also be beneficial in practical applications, of which examples are 610 

discussed in the following. 611 

 612 

 Reducing the fabrication cost of long-lasting alloying anodes: With regard to the issues 613 
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related to relieving residual stresses and improving the cyclability of anodes, some achievements 614 

have been made with the design of nanostructure and composite anodes. In light of the size-615 

dependent residual stresses developed in alloying anodes, the use of nanostructured anodes has 616 

become a common means by which to prevent anode degradation and improve the cycle life. 617 

Nanoscale materials, owing to their large surface-to-volume ratio, can reduce the development of 618 

residual stresses [98], which, in turn, can mitigate the reduction of the electrochemical performance 619 

arising from ICR diffusion. In addition to nanoscale structures, porous structures can also alleviate 620 

the residual stresses caused by large volume changes associated with battery cycling [99-101]. 621 

Recently, coating and doping of Si and Ge anodes with other elements have also been considered 622 

to be effective in controlling volume expansions and associated residual stresses [43, 81]. 623 

 Although the above synthesis strategies have greatly improved the cyclability of alloying 624 

anodes, there remain critical issues regarding their production costs and complexity. In this respect, 625 

the selection of anode materials governed by DCR can provide better battery performance while 626 

reducing the additional fabrication cost; when Si and Ge NWs that follow the different diffusion 627 

kinetics of ICR and DCR, respectively, are compared, the threshold diameter for the fracture of 628 

NWs during lithiation is much larger for Ge (1200 nm) [72] than that for Si (300 nm) [71]. 629 

Furthermore, the critical diameter for full lithiation is also larger for Ge NPs (~620 nm) [96] than 630 

for Si NPs (~130 nm) [77]. These large threshold diameters of Ge allow it to exhibit high mechanical 631 

stability and large practical capacity even for anodes with a large size, which requires less 632 

fabrication cost than the Si counterparts [95]. This suggests that, although the use of nanostructured 633 

anodes is effective in improving the cyclability of anodes, the choice of anode materials following 634 

DCR diffusion could be another alternative for enhancing the same property. 635 

  636 
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 Improving the rate performance of the conversion–alloying anodes: In addition to the 637 

Group IVA and VA elements (e.g., Si, Ge, and Sn) discussed in this review, metal oxide anodes 638 

(MxOy, M = Zn, Sn, Sb, etc.) also undergo alloying reactions during battery cycling and have 639 

emerged as another important class of anodes for future applications. Some representative 640 

examples include ZnO and SnO2 for Li-ion batteries [102] and SnOx and Sb2O3 for Na-ion batteries 641 

[17]. The charging and discharging processes of these anodes proceed by following the mechanism 642 

known as the “conversion–alloying reaction”; the initial irreversible conversion reaction occurs 643 

between MxOy and the charge carriers (Li or Na), and this is followed by the reversible alloying 644 

reaction occurring between the reduced M and the charge carriers, according to Eqs. (2) and (3), 645 

respectively. 646 

 𝑀#𝑂' + 2𝑦𝐿𝑖( + 2𝑦𝑒) → 𝑥𝑀 + 𝑦𝐿𝑖*𝑂    (2) 647 

 𝑥𝑀 + 𝑧𝐿𝑖( + 𝑧𝑒) ↔ 𝐿𝑖+𝑀#      (3) 648 

In addition to metal oxides, metal sulfides (SnS2, Sb2S3) also follow the conversion–alloying 649 

mechanism [17, 102]. 650 

 The excellent electrochemical performances of conversion–alloying anodes are attributed 651 

to the formation of the Li2O (or Na2O) phase in Eq. (2). The major advantage of Li2O is that it can 652 

mechanically buffer the volumetric expansion during battery cycling and thus improve the cycle 653 

life of anodes [102]. This is particularly true during the subsequent alloying reaction in Eq. (3). 654 

Although the reaction given by Eq. (3) normally causes the volume of the anode to expand by 655 

greater than 300% [48, 49], the development of residual stresses in the anodes can be reduced by the 656 

presence of the buffer Li2O phase, which reduces the energy barrier for diffusion and retards the 657 

crack formation and pulverization of the anode materials. Another important feature of the Li2O 658 

phase is its electrochemical inactivity during battery cycling. According to previous studies on 659 
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typical conversion anodes of TMOx (TM = transition metal), the reduction or oxidation of Li2O 660 

during battery cycling requires a large amount of energy, which is revealed in voltametric 661 

experiments as a large hysteresis loss and thus low energy efficiency of the anodes [103, 104]. 662 

However, unlike the Li2O formed in conversion anodes, the same phase formed in conversion–663 

alloying anodes does not react with inflowing/outflowing Li ions, rendering the anode to manifest 664 

low-voltage hysteresis and thus high energy efficiency. However, despite the advantages 665 

associated with the formation of Li2O in conversion–alloying anodes, its poor electric conductivity 666 

impedes the diffusion of carrier ions and, in turn, limits the rate performance of the anodes. To 667 

solve this problem, research on conversion–alloying anodes hybridized with electrically 668 

conductive carbon/graphite is currently underway [105, 106]. 669 

 Together with the incorporation of carbonaceous materials, the use of anode materials 670 

governed by DCR diffusion can further improve the rate performance of conversion–alloying 671 

anodes. As can be seen from the conversion–alloying reactions in Eqs. (2) and (3), the initial 672 

conversion reaction is irreversible, whereas the subsequent alloying reaction is reversible during 673 

repeated battery cycles. This indicates that the electrochemical performance of these anodes is 674 

primarily determined by the alloying reaction, not by the conversion reaction. From this 675 

perspective, the concept of the diffusion kinetics of alloying anodes discussed earlier can also be 676 

extended to the conversion–alloying anodes. Because alloying anodes following DCR diffusion 677 

exhibit faster penetration of the charge carriers into the anodes, conversion–alloying anodes mixed 678 

with alloying anodes could display an improved rate performance by taking the advantages of 679 

DCR diffusion. There is an increasing number of evidential reports that support this hypothetical 680 

concept. Representative examples are SnO2 [107] and Bi2O3 [108], both of which exhibit long 681 

cyclability under fast charging/discharging rates. 682 
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 683 

 Developing anodes for high-power applications: The two main techniques used to 684 

understand the carrier-ion diffusion under high-power operations are the (1) galvanostatic and (2) 685 

potentiostatic modes of diffusion experiments. The diffusion of carrier ions under the galvanostatic 686 

and potentiostatic modes are controlled by the current density and the electric field (or potential) 687 

in the anodes, respectively. From an atomistic perspective, the former operation uses a constant 688 

flux of carrier ions in the anode, whereas the latter maintains the constant concentration of the 689 

carrier ions at the anode’s surface [109]. Although the two methods appear to be different from each 690 

other, both methods have the same effect in enhancing the diffusion rate of the carrier ions; the 691 

greater the current density (or electric field) applied in the anodes, the faster and deeper the carrier 692 

ions diffuse into the anodes. This behavior was well observed from the lithiation of Si measured 693 

as a function of the current density [92]. Experiments have shown that the penetration depths of Li 694 

diffusion into Si increase with increasing current density, while maintaining the preferential 695 

diffusion direction along <110> of crystalline Si. This indicates that the practical capacity of the 696 

alloying anodes can be increased simply by increasing the current density or the electric field. 697 

 Although increasing the electric field or the current density is beneficial for improving the 698 

capacity of anodes, both methods are ultimately limited by the Li (or Na) diffusivity of the 699 

electrode materials. When the current rate of the anodes exceeds the threshold current rate (also 700 

referred to as the “diffusion-limited C-rate”), the diffusional flux of carrier ions in the anodes is 701 

no longer able to keep up with the current rate, resulting in the depletion of carrier ions in the 702 

cathodes (anodes) during discharging (charging) [110]. This depletion in the charge carriers causes 703 

a substantial decrease in the capacity of the battery [111]. This phenomenon occurs because the 704 

diffusivity of the carrier ions in the electrodes is slower than the current rate applied during high-705 



 37 

power operations.  706 

 The concept of the diffusion kinetics of alloying anodes discussed in this review can be used 707 

to develop high-power-density batteries. Owing to their ability to form an amorphous layer and 708 

high-density dislocations near the propagating interface (see Figures 7c–d), alloying anodes 709 

following DCR diffusion enable the faster diffusion of carrier ions into the anodes. When the 710 

diffusivities of alloying anodes are compared, the diffusivities (~3.0 × 10−6 cm2 s−1 for Na–Sn [82] 711 

and ~3.6 × 10−7 cm2 s−1 for Na–Ge [112]) of carrier ions in DCR-governed alloying anodes are 712 

greater than those (~5.1 × 10−12 cm2 s−1 for Li–Si [113] and ~3.0 × 10−10 cm2 s−1 for Na–Sb [114]) of 713 

ICR-governed alloying anodes by more than three to five orders of magnitude. Therefore, the 714 

selection of the DCR-governed alloying anodes can prevent the depletion of charge carriers at high 715 

current rates, making them suitable for the high-power operations. In addition to the works on 716 

improving ionic diffusivity in anodes, additional studies have reported the electric resistivity 717 

associated with the occurrence of phase transition during battery cycling is also important in 718 

developing anodes for high-power applications [115-117]. Further experimental and theoretical 719 

studies on the effect of the current rate on diffusion behaviors are required to realize alloying 720 

anodes suitable for high-power operations. 721 

  722 

 Although the present review has mainly focused on the diffusion kinetics of alloying anodes, 723 

the diffusion behaviors in practical batteries are more complicated and are determined by various 724 

external factors. In particular, the electrolyte conditions and associated solid-electrolyte interfaces 725 

(SEIs) formed during battery cycles can play an important role in determining the diffusion 726 

behaviors of carrier ions. This is especially true when the diffusivity of the carrier ions is lower in 727 

the SEIs than in the anodes [118, 119]. For instance, the carrier-ion diffusivity (~1.8 × 10−13 to 728 
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7.6 × 10−11 cm2 s−1 [120]) in SEIs is much lower than the typical values (e.g., ~3.0 × 10−6 cm2 s−1 729 

for Na–Sn [82] and ~3.6 ´ 10−7 cm2 s−1 for Na–Ge [112]) in DCR-governed alloying anodes. In this 730 

case, the overall diffusion rate is limited by the SEI, rather than by the propagating interface or the 731 

trailing bulk region. Furthermore, the large volumetric expansion of the alloying anodes during 732 

lithiation/sodiation can readily destroy the SEI layer formed on the anode surface. All of these 733 

behaviors, although lowering the rate performance of the anodes, can alter the diffusion kinetics 734 

and associated diffusion behaviors (e.g., anisotropic/isotropic swelling and penetration depth) of 735 

the anodes. Therefore, to realize batteries for practical applications, it is essential to optimize the 736 

electrolyte conditions and the associated SEIs. 737 

 Various technical approaches have been devoted to minimizing the detrimental effects of the 738 

SEIs on the alloying anodes. The addition of electrolyte additives [121, 122] and the coating of the 739 

anode with conductive artificial SEIs [123-125] are the effective ways to improve the diffusivity of 740 

carrier ions in the SEIs. Other strategies include the enhancement of the structural stability of SEIs 741 

dissolving appropriate salts [126] or additives [127, 128] in the electrolyte solution and the coating of 742 

the anode surface with a conductive and stable carbon layer [129]. Although discussions on the 743 

electrolyte conditions and SEIs were not covered in detail in this review, the strategies to optimize 744 

the electrolyte conditions, in combination with the diffusion kinetics of the alloying anodes, are 745 

the key to developing the anodes for future batteries. 746 
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